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Abstract
Using molecular dynamics simulations, we provide chain-level insights into the dissimilarities
in rearrangements of polymers under uniaxial tensile and compressive deformation in glassy
and semicrystalline samples of varying chain lengths. The organization of polymers under
tension and compression is distinctively different. The chains align themselves along the
tensile axis leading to a net global nematic ordering of their bonds and end-to-end vectors
whereas under compression, the polymers arrange themselves in a plane perpendicular to the
compressive axis resulting in emergence of an anti-nematic ordering of the bonds and the chain
end-to-end vectors. Moreover, the degree of polymers unfolding is greater under tension and
they deform less affinely when compared to chains under compression. The difference between
the two responses strongly depends on the chain length and is the largest at intermediate
chain lengths.
Solid-like polymers used in various high-
performance products are subjected to vari-
ous loading conditions, e.g. tensile and com-
pression. The mechanical response of a poly-
meric material not only depends on its structure
but also on the imposed deformation mode.1,2
For instance, the compressive yield strengths
of polycarbonate and polymethylmethacrylate
polymer glasses are about 20% larger than their
tensile yield strength.3,4 Therefore, understand-
ing the link between the deformation-dependent
response and the underlying structural rear-
rangements is crucial for a bottom-up design
of polymeric materials with desired mechanical
properties.
The mechanical responses of glassy and
semicrystalline polymers under various defor-
mation modes have been the subject of in-
tensive experimental and theoretical investi-
gations.4–21 However, the effect of deforma-
tion mode on conformational and structural
arrangement of polymers, especially in the
strain-hardening regime, has received much less
attention .5,12,15,22 Gaining chain-level insights
into deformation mechanisms of polymers is
experimentally challenging due to the small
length scales involved. Molecular simulations
allowing a direct access to various intrachain
and interchain statistical measures have played
an important role in illuminating the under-
lying mechanisms of plastic flow in polymeric
solids.7,14–17,19,21,23,24Nonetheless, very few of
them have focused on the role of deformation
mode on these rearrangements.15,22 Moreover,
these studies have used atomistic simulations
that are limited to small samples due to their
high computational costs. For instance, molec-
ular simulations investigating the dependence
of deformation mode in semicrystalline poly-
mers focused only on a layered semicrystalline
morphology as part of a larger spherulite struc-
ture.15 Therefore, the underlying differences in
microstructural arrangements of polymers un-
der various deformation modes and particularly
the effect of chain length is poorly understood.
To make a headway in this direction, we use
large-scale molecular dynamics (MD) simula-
tions of a crystallizable bead-spring model 25
that allows us to generate large samples includ-
ing up to 2 × 106 monomers. This model is
known as the coarse-grained polyvinyle alco-
hol (CG-PVA) 25,26 with a distinctive feature of
triple-well bending potential. Upon slow cool-
ing of its melt, chains undergo a crystallization
transition and form chain-folded structures con-
sisting of randomly oriented crystallites with
2D hexagonal order immersed in a network of
amorphous strands. For a rapid quench, poly-
mers retain their amorphous configurations and
undergo a glass transition.19,21 A prior inves-
tigation of tensile response of both amorphous
and semicrystalline polymers21 showed that the
response of long polymer glasses is dominated
by the entanglement network whereas that of
semicrystalline polymers is determined by an
interplay of the two interpenetrated networks
of entanglements and tie chains.21 Here, we fo-
cus on the asymmetry between the tensile and
compressive responses of glassy and semicrys-
talline polymers.
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Figure 1: The magnitude of true stress in units of LJ/σ
3 versus true strain from uniaxial compres-
sion (lines) and tensile (circles) deformation of (a) glassy and (b) semicrystalline polymers with
chain lengths N = 5, 20, 50, 300 and 1000 as given in the legends.
MD simulations were performed using
LAMMPS.27 A bead-spring model with a
triple-well bending potential is used.26,28 Dis-
tances are reported in units of σ = 0.52 nm, the
bond length is b0 = 0.5σ. A 6-9 Lennard-Jones
potential is used to model the non-bonded in-
teractions with the range and strength σLJ =
0.89σ and LJ = 1.511kBT0 where T0 = 550 K
is the reference temperature.25 The Lennard-
Jones potential is truncated and shifted at
rc = 1.6σ. Temperatures T = Treal/T0 and
pressures P = Prealσ
3/ are reported in re-
duced units.
Glassy and semicrystalline samples of differ-
ent chain lengths, N = 5, 20, 50, 300 and 1000,
see 29 for more details, are obtained from cool-
ing melts at T = 1 to T = 0.2 by cooling-rates
T˙ = −10−3 τ−1 and T˙ = −10−6 τ−1, respec-
tively. The polymer gyration radii span from
length scales comparable to monomers size for
N = 5 to much larger than the entanglement
length in the melt Ne ≈ 36.26 The samples are
deformed in the y-direction with a constant true
strain-rate of ε˙ = ±10−5τ−1 while imposing a
constant pressure P = 8 (as in the undeformed
samples) in the x and z-directions. The volume
increase is at most 10 % for both glassy and
semicrystalline polymers at the largest strain
|ε| = 1.8 and T = 0.2 29 and these systems
behave nearly as an incompressible fluid for
|ε| < 1.
Figures 1a and b present stress-strain curves
for glassy and semicrystalline polymers ob-
tained under compressive and tensile deforma-
tion, respectively. For all the samples, the elas-
tic regime at small strains is followed by a plas-
tic flow at larger deformations. For the shortest
chain length N = 5 with Rg ≈ 0.7σ, we observe
a stress plateau beyond the yield point and the
compressive and tensile responses of both glassy
and semicrystalline polymers are almost identi-
cal. For longer polymers, the stress response
is larger in compression than in tension. The
asymmetry is most pronounced at intermedi-
ate chain lengths N = 50 and 300. Interest-
ingly, for the longest chain length N = 1000,
the compressive and tensile responses become
similar again.
To gain insights into chain rearrangements
under macroscopic deformation, we measure
the RMS components Ri of the end-to-end vec-
tors of chains as relative to their initial values
Rα0 .
7 The effective microscopic stretch ratio is
defined as λeff ≡
√
〈Ry2〉
〈Ry02〉
where the y-direction
is taken as the tensile/compressive axis. Un-
der an affine uniaxial compressive or tensile de-
formation, λeff is identical to the macroscopic
stretch ratio obtained as λ ≡ Ly/L0y and the
changes in 〈Rα2〉 are consistent with a volume
conserving uniaxial macroscopic deformation,
i.e., λeff =
〈Rx02〉
〈Rx2〉 =
〈Rz02〉
〈Rz2〉 . The ratio λeff
has recently been identified as an important
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Figure 2: Effective microscopic stretch λeff ≡
√
〈Ry2〉
〈R0y2〉
versus macroscopic stretch λ ≡ Ly/L0y for
samples under tension (dashed lines) and 1/λeff versus 1/λ for polymers under compression (solid
lines) in (a) glassy and (b) semicrystalline polymers with different chain lengths as given in the
legends.
parameter controlling the strain hardening be-
havior of amorphous and semicrystalline poly-
mers7,21 in the sense that, independently of the
chain lengths, when λeff (λ) of two samples are
similar, their responses in the strain-hardening
regime are also alike.
Figures 2a and b display λeff as a function of
the macroscopic stretch λ for tensile measure-
ments and 1/λeff versus 1/λ for compressive
tests of glassy and semicrystalline polymers, re-
spectively. Similar to the results for tensile de-
formation, 21 under compression polymers in
semicrystalline state deform less affinely than
their glassy counterparts. The general trend
that we observe is that the longer chains ex-
hibit a more affine behavior irrespective of de-
formation mode and their underlying structure.
Overall, polymers deform more affinely under
compression than under tension. Notably, the
effective microscopic stretch reflects well the
compressive-tensile asymmetry observed in the
stress-strain curves in Fig. 1. The difference
between λeff in the tensile deformation and
1/λeff in the compression is large when the
asymmetry between the two responses is sig-
nificant.
To directly quantify the evolution of the av-
erage chain conformations under deformation,
we compute the intrachain orientational bond-
bond correlation function. It is defined as
〈cos θ(n)〉 ≡ 〈b̂i,j · b̂i,j+n〉 where b̂i,j denotes
the orientation vector of the jth bond in the
ith chain and 1 ≤ n ≤ N − 1 is the curvi-
linear distance between any two monomers in
a chain. Fig. 3 represents 〈cos θ(n)〉 at dif-
ferent stages of compressive and tensile defor-
mations for glassy and semicrystalline samples
with chain lengths N = 50 and N = 1000.
Upon increase of strain and chain unfolding,
the intrachain orientational correlation length
grows regardless of the initial structure and de-
formation mode. Nonetheless, under identical
conditions the degree of chain unfolding in the
tensile deformation is larger compared to the
compression.
We next examine the collective organization
of the chains. To this end, we calculate the
nematic order tensor of all the chain end-to-
end orientation vectors R̂i obtained as Q =
1
2nc
∑nc
i=1(3R̂iR̂i − I) where nc is the the num-
ber of chains in a sample. We define See as
the eigenvalue of Q with the largest magnitude
varying in the range −0.5 ≤ See ≤ 1. In the
isotropic case, the three eigenvalues are null
and See = 0. The degeneracy is lifted as soon
as the structure gets anisotropic. Two extreme
cases can be considered. When all the end-to-
end vectors are aligned in the same direction,
See → 1 leading to a perfect uniaxial nematic
alignment. On the other hand, when all the
4
Figure 3: Evolution of intrachain bond-bond
orientational correlation function 〈cos θ(n)〉
against the curvilinear distance n plotted at dif-
ferent stages of compressive (solid lines) and
tensile (dashed lines) deformation for glassy
and semicrystalline polymers with chain lengths
N = 50 and 1000. The strain magnitudes ε are
given in the legends.
end-to-end vectors are perpendicular to a direc-
tion, a uniaxial anti-nematic order charactrized
by See → −0.5 emerges. Fig. 4a and b show the
evolution of See as a function of strain for glassy
and semicrystalline polymers, respectively. Un-
der tensile deformation, the chains end-to-end
vectors get aligned along the tensile axis and See
progressively increases with strain, approach-
ing unity at large strains. On the contrary un-
der compression where the strain is negative,
See becomes gradually more negative and it ap-
proaches −0.5 already at ε ≈ −1.5 for N > 5.
This anti-nematic ordering reflects a distinct
arrangement of chains under compression. As
they are compressed in one direction, the chains
elongate isotropically in directions perpendicu-
lar to the compressive axis, and their end-to-
end vectors lie in a plane normal to the defor-
mation axis. Likewise, we define Sall-bond as the
largest magnitude eigenvalue of the global ne-
matic tensor of all the bond orientation vec-
tors Q = 1
2nbond
∑nbond
i=1 (3b̂ib̂i − I) where nbond
is the the number of all the bonds in a sample.
Investigating the global nematic order param-
eter of the bond vectors Sall-bond presented in
Figure 4: The nematic order parameter of
chains end-to-end vector, See for glassy (a) and
semicrystalline (b) polymers of different chain
lengths, N , as a function of strain in both com-
pression (negative strain) and tensile deforma-
tion modes. Likewise, the strain-dependence of
the global nematic order parameter of all bonds,
Sall-bond, for glassy (c) and semicrystalline (d)
polymers.
Fig. 4c and d, we observe a very similar trend;
nematic ordering under tensile deformation and
anti-nematic ordering under compressive defor-
mation.
Our results highlight the distinct nature of
inter- and intra-chain organization in glassy
and semicrystalline polymers under compres-
sive and tensile deformations. In both cases,
the initial hexagonal order of semicrystalline
polymers is destroyed at large deformations and
the configurations of semicrystalline and glassy
polymers become similar. Under tension, the
chain end-to-end vectors and the bond vectors
of all the samples align themselves along the
deformation axis leading to a net nematic or-
dering whereas under compression a novel anti-
nematic ordering emerges as a result of chain
unfolding. Such an anti-nematic ordering sug-
gests that a buckling-like mechanism may be at
play under compression as supported by visual
inspections and distribution of bond angles.29
The two responses become similar for very
short and long chains, whereas the asymme-
try is maximum at intermediate chain lengths.
5
As mentioned earlier, short chains behave like
monomers. Upon increase of chain length be-
yond the entanglement length Ne ≈ 36, an en-
tanglement network builds up in glassy poly-
mers. In semicrystalline polymers, part of the
entanglement network is lost but instead a net-
work of tie chains connecting the crystalline do-
mains is developed where the average tie-chain
length varies in the range 10 < Ltie < 30 for
50 ≤ N < 1000.21 Hence, the longest chains
N = 1000 generate long enough tie chains com-
parable to their entanglement length Ne ≈ 40
30 that enforce affine deformation at the chain
level whereas intermediate chain lengths deform
non-affinely. The effect of deformation mode
on the entanglement network structure and the
distribution of entanglement points along the
chains remains an open question that merits fu-
ture investigations.
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Graphical TOC Entry
Right: The chain end-to-end vectors of semicrystalline polymers develop nematic and anti-nematic ordering under tensile and compressive
deformations, respectively. Left: The conformations of semicrystalline polymers of length 1000, in the undeformed state and under uniaxial tensile
and compressive deformations along the y-axis.
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